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The kinetics of isothermal β′ precipitation in

Al-Mg alloys

M. J. STARINK∗, A.-M. ZAHRA
Centre de Thermodynamique et de Microcalorimétrie du CNRS,
13331 Marseille Cedex 3, France

Isothermal β ′ precipitation in Al-14 at % Mg and Al-16 at % Mg is studied by isothermal
calorimetry, differential scanning calorimetry, and optical and transmission electron
microscopy. The characteristic length of the β ′ precipitates varies strongly with ageing
temperature, indicating that the definition of a state variable is not possible. As a
consequence the commonly used equation:

dα
dt
= g(T )f (α)

with f (α) a function depending only on the fraction transformed, and g(T ) a function of
temperature, is not valid for this reaction. The isothermal calorimetry curves can be fitted
over the entire range of transformation by a recently developed variant of the
Johnson-Mehl-Avrami-Kolmogorov (JMAK) model. For T < 160 ◦C and T > 200 ◦C the
reaction exponent n is larger than 2.5, indicating an autocatalytic precipitation process. The
mechanisms for this autocatalytic process are discussed. C© 1999 Kluwer Academic
Publishers

1. Introduction
Although different symbols for the zones and phases
have been used, most work on the precipitation in Al-
rich Al-Mg alloys [1–5] indicates the following precip-
itation sequence (symbols as used in [1]):

sssα→ GP zones→ β ′′ → β ′ → β

where sssα is the supersaturated solid solution, GP zone
(also indicated asδ′′) stands for Guinier-Preston zone,
β ′′ (other indications: ordered GP zone [6] orδ′) is an
L12 ordered phase with composition Al3Mg [7] appear-
ing as approximately spherical coherent precipitates,
β ′ is a semicoherent hexagonal intermediate phase (ap-
proximate composition Al3Mg2) with lattice parame-
ters a= 1.002 nm andc= 1.636 nm [4, 8], it is the
main hardening precipitate [9], andβ is the equilib-
rium phase (approximate composition Al3Mg2) having
a complex FCC structure witha= 2.824 nm [4].

When solid solutions with up to 17 at % Mg are aged
at temperatures in excess of about 90◦C, no L12 ordered
structures or zones form. In solid-quenched and liquid-
quenched Al-Mg aged between about 110 and 250◦C
the β ′ phase forms first [4, 10]. Several explanations
for the nucleation mechanisms ofβ ′ have appeared in
the literature. From a transmission electron microscopy
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(TEM) study on precipitation in Al-8.8 at % Mg and
Al-9.9 at % Mg alloys Bouchearet al. [5] concluded
thatβ ′ nucleates on dislocation loops which are abun-
dantly present in Al-Mg alloys, and this interpretation is
in agreement with early work by Embury and Nicholson
[11]. Conversely, from a TEM study on precipitation in
an Al-8.7 at % Mg alloy Itohet al. [12] concluded that
dislocation loops played no role in the nucleation ofβ ′,
and this latter interpretation is in agreement with early
TEM work by Eikum and Thomas [13]. In the grains
theβ phase only appears in the later stages of ageing
when the Mg depletion of the matrix is nearly com-
pleted [4, 10], and TEM in combination with differen-
tial scanning calorimetry (DSC) experiments [14] have
shown thatβ phase formation mainly occurs through
the transformation ofβ ′ precipitates. Further, the equi-
librium β phase is observed on grain boundaries, even
in solution treated and quenched alloys.

Although precipitation in binary Al-Mg alloys has
been studied by many researchers, several questions
relating to the nucleation ofβ ′, the kinetics ofβ ′ forma-
tion and the influence of vacancies and other defects on
β ′ formation have remained unanswered. For this rea-
son we performed isothermal and some non-isothermal
ageing experiments on Al-Mg alloys and studied sam-
ples using optical microscopy, TEM, DSC and isother-
mal calorimetry in the temperature range 130–260◦C.
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TABLE I Compositions of the alloys

Alloy Mg (at %) Mg (wt %) Al

Al-14Mg 13.7 12.5 Balance
Al-16Mg 15.8 14.5 Balance

2. Experimental
2.1. Alloys
High purity alloys with nominal compositions Al-14Mg
and Al-16Mg were produced by conventional casting
and subsequent rolling at Centre de Recherches de
Voreppe (Aluminium Pechiney). The chemical anal-
ysis of the alloys is presented in Table I. Typical total
impurity content is about 0.03 mass % (mainly Si). The
grain size is large: about 0.2 mm.

2.2. Calorimetry
For the calorimetric experiments batches of 20 disk
shaped samples of 1 mm thickness were prepared from
each alloy. Multiple experiments were performed on a
single batch and when the mass increase of a batch due
to oxidation exceeded 0.1% that batch was discarded
and a new batch was used. A differential Tian-Calvet
microcalorimeter with two furnaces fixed above it com-
bined with an automatic introduction system was em-
ployed. Generally the sample batch was solution treated
at 440◦C for 2 h in the topfurnace and subsequently
lowered into the lower furnace. The set temperature of
this furnace (20◦C below the calorimeter temperature)
and the hold time of the sample (about 150 s) were cho-
sen such that the sample reached a temperature close to
the calorimeter temperature. We will term this cooling
procedure furnace cooling. Apart from these furnace-
cooled specimens also ice-water quenched (IWQ) spec-
imens and samples cooled in air (for 3 min) were
studied. As water quenching caused many calorimetry
specimens to crack, only a single calorimetry experi-
ment on a batch of IWQ specimens was performed.

The calorimeter used for the isothermal heat flow
experiments possesses an excellent base line stability
coupled with a high sensitivity (down to a microwatt).
Ageing temperatures between 130 and 260◦C at in-
tervals of about 10◦C, and times up to 7 days were
employed. Due to the insertion of the specimen the
heat flow measurement in the calorimeter is initially
disturbed, and the heat flow due to the transformation
in the sample can not be measured during the first 20
min. Generally 3 experiments per temperature were per-
formed; the repeatability of the heat flow and of the
time at maximum exothermic heat flow are both typi-
cally about 99%. The baseline of the microcalorimeter
was determined at each temperature by performing ex-
periments with pure Al.

2.3. Differential scanning calorimetry
For DSC experiments disks of 6 mm diameter and
height 1 mm (average mass about 70 mg) were ma-
chined from homogenised ingots. The alloys were heat
treated according to the above described procedures.

Artificial ageing treatments were concluded by cool-
ing in air. DSC experiments were performed using a
Perkin-Elmer 1020 series DSC7. Detailed descriptions
of the DSC apparatus and calibration procedures have
been presented elsewhere [15, 16]. DSC runs were per-
formed at 20◦C/min between 0 and 460◦C.

2.4. TEM and optical microscopy
For TEM experiments samples were heat treated in the
calorimeter according to the above described proce-
dures and were subsequently stored in liquid nitrogen.
The specimens were ground to about 100µm and elec-
tropolished in a 3 : 1 mixture of methanol and HNO3 at
−20◦C. The foils were examined in a Philips EM 400 T
microscope operated at 100 kV, a JEOL JEM 2000 mi-
croscope operated at 200 kV and a JEOL JEM 2010 F
microscope operated at 200 kV. On average 3 samples
per heat treatment were studied.

For optical microscopy polished samples were etched
in Keller and Wilcox’ reagent (∼1% HF, 2.5% HNO3
and 2% HCl in water).

3. Nucleation and growth reactions at
constant temperature

In interpreting the data on the precipitation in Al-Mg we
will make use of the general theory of reaction kinetics.
In this section we will give a short overview of recent
developments in this area which are of importance for
the present work.

The transformation is described using an analysis re-
cently developed by the present authors [14, 16, 17].
Similar to the Johnson-Mehl-Avrami-Kolmogorov
(JMAK) kinetics [18–22] the present model uses the
so-called ‘extended volume’ concept (see also [23]). In
the ‘extended volume’ the individual nuclei grow with-
out any limitation of space. In applying this concept
first the volume,Vp, of the transformed region at time
t which nucleated at an earlier timez will be calcu-
lated. For diffusion controlled precipitation reactions,
we will define the transformed volume to be the volume
of an imaginary fully depleted area around a precipitate
(with the rest of the matrix undepleted) needed to give
a precipitate size equal to the real case with a diffusion
zone. In general it holds:

Vp = C[G(t − z)]m (1)

whereG is the (average) growth rate,C is a constant
which is related to the initial supersaturation, the dimen-
sionality of the growth and the mode of transformation
whilst them is a constant related to the dimensionality
of the growth and the mode of transformation, i.e. dif-
fusion controlled growth or growth in which each part
of the interface has a constant velocity (so-called linear
growth). An overview of the values of the growth expo-
nent,m, that occur for different types of reactions has
been given in [19, 24]. Equation 1 is valid for equiaxed
particles for which the growth rate is constant in all
directions. It is also valid for elongated particles, pro-
vided that the ratios of the growth rates in the different
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directions remain constant, i.e. provided that the parti-
cle retains the same shape. In this caseG is an average
of the growth rate over all directions.

Next the contribution of nucleation is considered.
The amount of nuclei formed in volumeV0 during a
time interval dz is given by I (z)V0 dz, where I (z) is
the nucleation rate per unit volume at timez. Then the
contribution of the particles which nucleated during the
time interval (z, z+ dz) to the amount of transformed
volume in the ‘extended volume’ at timet , Vext(t), is
obtained from Equation 1:

dVext = C I (z)V0[G(t − z)]m dz (2)

Integrating and introducingαext=Vext/V0 yields:

αext =
∫ t

0
C I (z)[G(t − z)]m dz (3)

Note that limt→∞αext=∞.
For several expressions of the nucleation rateI (z)

analytical expressions for Equation 3 can be derived. If
the nucleation rate is constant during the entire trans-
formation one obtains:

αext(I = constant)= A2I Gmtm+ 1 (4)

where A2 is a constant. When all nuclei are formed
whilstα is still negligible, i.e. when the nucleation rate
is zero during practically the entire transformation,αext
is given by:

αext(I = 0)= A3Gmtm (5)

whereA3 is a constant. This case arises for the limit of
I (z) decreasing infinitely fast, and it can for instance
arise when the number of nucleation sites is limited
and all sites are used for nucleation very early on in
the transformation. This case has been referred to as
‘site saturation’, and this term is adopted in this work.
Hence for both cases (Equations 4 and 5) one obtains:

αext = [k(T)t ]n (6)

with k(T) a temperature dependent factor determined
by A2, G and I , or (for the site saturation case)A3
andG. Also for I (z)∼ ta, with a an integer larger than
unity, Equation 3 results in an expression like Equa-
tion 6 (with in this casen=m+ 1+a). However, dur-
ing an isothermal experiment the nucleation rate can
only in a limited number of special cases be expected
to increase with time. One such case is autocatalytic
nucleation: the presence of nuclei enhances the proba-
bility of formation of other nuclei.

To obtain a general kinetic equation, the effect of im-
pingement should next be included. Here we will sim-
ply consider that two kinetic equations which have been
successful in describing transformation kinetics, the
Austin-Rickett (AR) equation [24, 25] and the JMAK

equation [18, 24], can both be derived from (see also
[25]:

dα

dαext
= (1− α)λi (7)

whereλi will be termed the impingement factor. (Note
that for the case of no impingement, i.e.αext=α,
λi = 0.) The JMAK equation is obtained forλi = 1,
whilst the AR equation [16, 24] is obtained forλi = 2.
The general solution of Equation 7 forλi 6= 1 is:

α = 1−
(
αext

ηi
+ 1

)−ηi

(8)

whereηi = 1/(λi − 1). The JMAK equation is obtained
for the case ofλi = 1:

α = 1− exp(−[k(T)t ]n) (9)

Alternatively the JMAK equation is obtained from
Equation 8 for the limit ofηi→∞. Thus Equation 8
incorporates both the AR equation and the JMAK equa-
tion, and by fitting Equation 8 to experimental transfor-
mation data the obtained parametersn andηi will give
information about the mechanism of the reaction. (Fur-
ther also the case of no impingement,λi = 0, can be
described by Equation 8.) In Section 4 this analysis
method will be applied to calorimetry curves obtained
for Al-Mg.

4. Results
4.1. TEM and optical microscopy
The precipitation ofβ ′ on ageing at 130, 190 and 252◦C
was studied using TEM. Consistent with its published
limits of stability [1, 26] no superspots due to an L12
ordered phase were noted in the selected area diffraction
(SAD) patterns.

The development of the microstructure during ageing
at 190◦C is presented in Fig. 1. After 1 h the sample con-
tains some precipitates, whilst a zig-zag type contrast
evidences dislocations with a direction inclined to the
foil surface (Figs 1a and b). These dislocations seem to
be independent of the precipitates and are not observed
for longer ageing times. The density of the precipi-
tates increases with ageing time (see Fig. 1c), and for
long ageing times (>17 h) the plate-shaped precipitates
could be identified asβ ′ phase by their characteristic
SAD patterns in the Al [110] direction (see Fig. 2). For
shorter ageing times no identifiable SAD patterns of the
precipitates could be obtained, but it is assumed that
all plate-shaped particles areβ ′ phase. Tilting showed
that in accordance with their habit planes three possi-
ble orientations of theβ ′ plates within one grain exist.
The defects observed after 1 h ageing (Fig. 1b) appear
to be spatially unrelated toβ ′ precipitates, i.e.β ′ nu-
cleation appears to be independent of the defects. The
defects were not observed after longer ageing times.

Hardly any equilibriumβ phase was observed and
only after 17 h at 190◦C significant amounts (∼ a
few percent of theβ ′ volume) were present. This late
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appearance of the equilibrium phase (at this stage about
84% of the total heat evolution is completed) is consis-
tent with results obtained by Bernole [4]. Special atten-
tion was paid to check forβ phase growing on theβ ′
particles; only for a small minority ofβ this appeared

(a)

(b)

Figure 1 Bright field TEM micrographs of samples aged at 190◦C for 1 h (a) and (b), and 17 h (c). All micrographs showβ ′ precipitates (several
micrometers in length), whilst a and especially b additionally show a zig-zag type contrast due to dislocations with a direction inclined to the foil
surface. (Continued).

to be the case. The latter observation is in agreement
with TEM work by Bouchearet al. [5].

Optical microscopy on Al-16Mg samples aged at
190 and 250◦C after furnace cooling revealed that the
distribution of precipitates in this alloy is essentially
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(c)

Figure 1 (Continued).

(a) (b)

Figure 2 SAD pattern of aβ ′ particle (a), with the identification of the spots (b).B= [110]. Note that for theβ ′ phase the 006 spots are the strongest
ones.

homogeneous. Hamanaet al. [27, 28] showed that in
some Al-Mg based alloysβ ′ precipitation can occur
via the formation of precipitate clusters (sometimes in
the shape of so-called rosettes). Unlike our alloys, those
of Hamanaet al. were of commercial purity and fur-
ther contained significant amounts of Si, and hence it

is possible that ternary alloying elements or impurities
are the cause of the formation of precipitate clusters.

As the maximum dimensions ofβ ′ plates are always
larger than the TEM foil thickness, it is not possible
to draw definitive conclusions about the exact shape of
the precipitates. It has, however, been suggested that
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(a)

(b)

Figure 3 TEM microstructure of the Al-16Mg sample aged at 130◦C for 96 h (a) and for 1.7 h at 252◦C (b).

theβ ′ plates have roughly the same dimensions in all
directions parallel to its broad surface, i.e. they are ap-
proximately disc-shaped [4]. To study the growth of
theβ ′ plates their average lengths in all of the orienta-
tions appearing on the micrograph were measured and
the orientation with the largest average length,lmax, was
selected for further study. Thelmaxvalues obtained from

different micrographs in randomly chosen foil orienta-
tions (about 5 for each ageing treatment) were averaged
to obtain a characteristic length,lch, of theβ ′ plates.
From the method of calculatinglch it is clear thatlch is
somewhat smaller than the maximum dimension of the
β ′ plates, i.e.lch= f lmax, with f < l . However, if the
β ′ plates are always approximately disc-shaped,f will
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Figure 4 The characteristic lengths,lch, of the β ′ precipitates during
ageing at 130◦C (¥), 190◦C (¤) and 252◦C (•).

be a constant andlch is truly a characteristic dimension
of theβ ′ plates. The results of the determinations oflch
are presented in Fig. 4.

Consistent with the large grain size very few grain
boundaries were observed in TEM foils. Some of them
contained continuousβ phase precipitates.

4.2. Kinetic analysis of β ′ formation by
calorimetry

Isothermal calorimetry was used to studyβ ′ forma-
tion in the Al-16Mg alloy during ageing at temper-
atures between 130 and 260◦C. Selected normalised
heat evolution curves are presented in Fig. 5. For com-
parison isothermal calorimetry at 190 and 220◦C was
also performed for the Al-14Mg alloy. In Fig. 6 the
results for the two alloys are compared. As can be ex-

Figure 5 Normalised exothermic heat flow during isothermal ageing of
the Al-16Mg alloy.

Figure 6 Heat flow during isothermal ageing at 190◦C of the furnace-
cooled Al-14Mg and Al-16Mg alloys.

Figure 7 DSC curves of Al-16Mg samples aged for 6 days at 150◦C
(grey line), 20 h at 190◦C (dotted line) and 5 h at 220◦C (solid line).

pected from the lower Mg content of the Al-14Mg al-
loy, the heat content of the exothermic effect in this
alloy (−1130± 30 J/mol at 190◦C and−1080 J/mol
at 220◦C) is lower as compared to the Al-16Mg alloy
(−1660 J/mol at 190◦C and−1840 J/mol at 220◦C).
If the type of precipitating phase does not change with
temperature, a decrease of the exothermic heat content
with ageing temperature, as observed for the Al-14Mg
alloy, can be explained by an increase of solid solubility
with temperature. Clearly, this explanation is not valid
for the Al-16Mg alloy, and the increase of the evolved
heat with temperature for this alloy has been explained
in terms of a change in precipitation from mainlyβ ′
formation at low temperatures to precipitation result-
ing in a state with nearly exclusivelyβ phase at higher
temperatures (see [14]).

As a further means of verification of our interpreta-
tion of these exothermic effects observed by isothermal
calorimetry, samples were aged at various tempera-
tures and subsequently analysed by DSC. The result-
ing curves (Fig. 7) show three main effects D, E and
F, which have been attributed to (see [14])β ′ dissolu-
tion, a transformation fromβ ′ to β, andβ dissolution,
respectively. Hence, in correspondence with the TEM
analysis, the DSC experiments show that in all these
samplesβ ′ phase is present. The smaller effect G has
been ascribed to (incipient) melting of the equilibrium
β phase [14].

The combination of Equations 6 and 8 is used to fit the
isothermal heat evolution curves. It is observed that for
T < 220◦C all fits were close to perfect (see Fig. 8).

Figure 8 Normalised exothermic heat flow measured for the Al-16Mg
alloy aged at 170◦C (thin, black line) compared with the fit based on
Equations 6 and 8 (grey line).
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Figure 9 Parametersn andηi as obtained from fits of the calorimetric
curves for furnace-cooled Al-16Mg samples.

For T > 220◦C fits are nearly perfect up to the time
that the heat flow had decreased to half the peak value,
beyond this stage the fit predicted a heat flow which is
slightly lower than the measured one. The values ofn
andηi obtained from the fits for the furnace-cooled Al-
16Mg alloy are plotted in Fig. 9. Then values of about
2.7 obtained for the furnace-cooled Al-14Mg alloy at
190 and 220◦C are similar to the ones for the furnace-
cooled Al-16Mg alloy. Also theηi values are about the
same (0.35 at 220◦C). To study the effect of cooling rate
onn, Al-16Mg samples were additionally cooled in air
or quenched into ice-water. The values obtained from
subsequent calorimetric curves during ageing at 150◦C
are presented in Fig. 10. It is noted thatn increases with
cooling rate from 3 for furnace-cooled samples to 5 for
IWQ samples.

The values forηi resulting from the fitting with Equa-
tions 8 (see Fig. 9) are completely incompatible with the
JMAK model which predicts infinitely large values for
ηi . Instead, for the furnace-cooled samples the valuesηi

for T < 190◦C are close to unity and the AR equation
gives a good approximation for the curves in this range
of temperatures. The model in Section 3 predicts that for
diffusion controlled growth of precipitates which grow
in all directions and which nucleate at a constant rate,n
should equal 212. From Fig. 9 it is indeed observed that

Figure 10 nvalues for Al-16Mg samples cooled at different rates. Age-
ing temperature about 150◦C.

for T in the range of 160–190◦C this mechanism may
hold.

For T > 200◦C n increases to about 3, whilstηi

reaches a value of about 0.5 (λi ≈ 3). This value of
n is higher than the one for a transformation via ran-
dom nucleation (see Section 3.1); it will be discussed
in the next section and compared with the situation for
T < 160◦C.

5. Discussion
5.1. The kinetics of β ′ formation
From Fig. 4 it is observed that during ageing at 190◦C
lch changes very little for a large part of the transfor-
mation process. It is also noted thatlch increases with
ageing temperature. Hence, for this transformation pro-
cess, a state variable, i.e. a single variable which defines
the state of the transformation for all types of isothermal
or non-isothermal ageing, does not exist. Consequently,
descriptions of the reaction rate by an equation of the
type:

dα

dt
= g(T) f (α) (10)

with f (α) a function depending only on the fraction
transformed, and the rate constant,g(T), a function of
temperature, can not be valid for the present transfor-
mation. In addition, variation of bothn and ηi with
temperature shows thatf (α) is a temperature depen-
dent function. This is further proof that Equation 10
is invalid for the present precipitation process. As a
consequence, it is not possible to perform a standard
activation energy analysis on the present calorimetry
data as this type of analysis assumes: (i) the validity of
Equation 10 (see [29, 30]), (ii) the existence of a state
variable (see [30]), and (iii) a single Arrhenius type
temperature dependency of the process (see also [31]).

Between 160 and 190◦C the transformation data
of β ′ formation in furnace cooled Al-16Mg as ob-
tained by calorimetry is consistent with the AR equation
which holds for various precipitation reactions [24]. For
T > 200◦C this is no longer the case andn increases
to about 3. Asm for the diffusion controlled growth
of theβ ′ precipitates should still be 112, this value of
n indicates that the nucleation rate increases ast

1
2 and

that hence the number of nuclei increases ast11
2 . For

T < 160◦C,n increases to reach values around 31
2. This

implies that at these temperatures the nucleation rate
increases with time and ann value of 31

2 would be con-
sistent with the nucleation rate increasing linearly with
t . An n value of 5 as observed forβ ′ formation in IWQ
Al-16Mg (see Fig. 10) indicates that for these samples
the nucleation rate increases ast21

2 .
An n value in excess of 2.5, as found for precipitation

in IWQ Al-16Mg and for furnace cooled Al-16Mg al-
loys aged atT < 160◦C andT > 200◦C, indicates that
the precipitation reaction is autocatalytic, i.e. existing
precipitates enhance the formation of new precipitates.
Recently,β ′ precipitation during DSC experiments on
IWQ Al-16Mg and on Al-16Mg alloys which were
cooled at about 200◦C/min have been analysed using
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a new method for evaluatingn values for nucleation
and growth reactions performed at constant heating
rate [14]. In these samplesβ ′ precipitation occurs be-
tween about 210 and 300◦C for heating rates between
1.25 and 80◦C/min, and a novel analysis method of
the DSC curves indicated that the transformation ex-
ponents, which is akin to the Avrami parametern,
is well in excess of 2.5. Hence, also in these exper-
iments autocatalytic formation ofβ ′ occurs. From a
consideration of several possible mechanisms for au-
tocatalytic nucleation it was concluded that emission
of vacancies on formation of precipitates is the most
likely mechanism. Specifically this means that the very
first precipitates form in regions which are enriched in
solute (possibly a cluster). Various researchers (see e.g.
[13, 32] have in the past pointed out that due to the re-
laxation of misfit resulting from clustering of vacancies
with Mg atoms (which is responsible for the high bind-
ing energy of vacancies with Mg atoms), Mg atoms
can be expected to be situated near vacancy clusters or
defects resulting from vacancy condensation (e.g. va-
cancy loops). Thus the formation of a precipitate from
these solute clusters leads to the dissolution of the va-
cancy type defect. The vacancies emitted in this process
can subsequently diffuse away from the newly formed
precipitate and accelerate further precipitation by en-
hancing the diffusion of Mg atoms. It is thought that for
the present calorimetry experiments atT > 200◦C the
same mechanism operates. However, the presence of a
second temperature range for autocatalytic formation
(T < 160◦C) well separated from the other tempera-
ture range suggests that in the lower temperature range
a different mechanism operates. To get more insight in
this possible second mechanism, the very early stages
of precipitation at low temperature will be investigated
in the next section.

5.2. The initial stages of the transformation
For low ageing temperatures (<160◦C), where the heat
evolution during the very first stages of theβ ′ precip-
itation reaction can be measured, a detailed analysis
of the start of the reaction is performed. This analy-
sis shows that up toα≈ 0.1 the fits described above
slightly underestimate the measured heat effects, indi-
cating an initial process different from the main process.
To derive ann value for this initial process we use the
following expansion of the theory presented in Section
3. When a transformation resulting in a single transfor-
mation product occurs via two distinct processes (for
instance grain boundary precipitation and precipitation
in grains),αext is given by:

αext =
∫ t

0
C1I1(z)[G1(t − z)]m1 dz

+
∫ t

0
C2I2(z)[G2(t − z)]m2 dz (11)

where the symbols have the same meanings as before,
whilst subscripts 1 and 2 stand for process 1 and pro-

(a)

(b)

Figure 11 Normalised heat flow during ageing at 140◦C after furnace
cooling (grey line). The two fits show that the initial stage of the heat
effect is due to two reactions. (a: single logarithmic scale; b: double
logarithmic scale).

cess 2. For the case where both processes occur via
either constant nucleation rate or site saturation it fol-
lows:

αext = k1(T)tn1 + k2(T)tn2 (12)

The relation betweenα andαext is again assumed to
be given by Equation 8. Equation 12 yields a nearly
perfect fit withn1= 2.5 for the process that dominates
the initial stage andn2= 3.7 (see Fig. 11, in which
for comparison also the optimised fit, withn= 3.3, for
a single process is given). The first process gives the
largest contribution to the heat effect at the very begin-
ning of the heat effect (α <1× 10−6) whilst later on
in the transformation (i.e. the overwhelming majority
of the heat effect) the second process dominates. Note
that as we are here studying the initial stages of the re-
action (α <0.01), impingement is negligible and will
not influence the determination ofn1.

In discussing the nature of the first process it is noted
that the value ofn1= 2.5 for the initial process excludes
that this process involves grain boundary or grain corner
nucleation, since, providing the nucleation rate does not
increase,n≤ 2 for these processes (see [19]). As men-
tioned before, TEM readily shows that vacancy loops
are abundantly present and one may consider that the
initial process is related to the condensation of excess
vacancies into loops. However, from a study of lattice
parameter variations in Al-Mg alloys, van Mouriket al.
[33] concluded that excess vacancies disappear (i.e. are
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annealed out or precipitate into defects) within 1000 s at
temperatures around 140◦C and this precludes that the
first stage of the exothermic effect is due to clustering
of vacancies.

It is thought that the very first stage of precipitation
at T ∼ 140◦C involves the nucleation of a number of
precipitates which due to the fact that they are the first
ones cannot be autonucleated. Hence, for this very first
stage of the precipitation process, nucleation occurs at
a constant rate. The obtained value forn1 of 2.5 is con-
sistent with this interpretation. Only in a later stage the
vacancies emitted in a region around these very first
precipitates will have diffused away from the precip-
itates and are available for further nucleation of pre-
cipitates. It is at this stage that the autocatalytic process
will (gradually) gain in importance and will (gradually)
take over from the first process. Hence these types of
processes can fully explain why the two process model
of Equation 13 fits to the experimental curve. It should,
however, be noted that this correspondence between
model and experiment cannot show which process is
actually responsible for the emission of vacancies. One
may consider the mentioned dissolution of vacancy type
defects (mainly loops), but also vacancies bound to Mg
atoms will be released on precipitation of the compan-
ion Mg atom. Hence, two possible mechanisms may
be identified, and it is suggested that these two mecha-
nisms are responsible for the two ranges of autocatalytic
nucleation observed in this study.

Finally it is noted that the discussion presented in
this section illustrates the extraordinarily high accu-
racy that can be obtained by the Tian-Calvet isothermal
calorimeter. The calorimetry experiments show clearly
that at low temperatures (<160◦C), before the main
(autocatalytic) precipitation reaction starts, an initial
process with a lowern value occurs. Any attempt at
detection ofβ ′ phase (or possible precursors) at these
extremely low fractions transformed by other types
of experiments (for instance TEM) will be either ex-
tremely time consuming or outright impossible.

6. Conclusions
Isothermalβ ′ precipitation in Al-13 at % Mg and Al-
16 at % Mg has been studied by isothermal calorimetry,
transmission electron microscopy (TEM), optical mi-
croscopy and differential scanning calorimetry (DSC).
The following conclusions are drawn:

• The isothermal calorimetry curves can be fit-
ted over the entire range of transformation by a
recently developed variant of the Johnson-Mehl-
Avrami-Kolmogorov (JMAK) model and the char-
acteristic reaction exponentn is derived.
• For Al-Mg n increases with quenching rate.
• For furnace cooled Al-16Mg aged atT < 160◦C

and T > 200◦C, n is larger than 2.5, indicating
an autocatalytic precipitation process. The mecha-
nisms for this autocatalytic process are discussed,
and evidence is presented pointing at emission of
vacancies on the formation of nuclei as being the
essential step in the autocatalytic process.

• A detailed analysis of the very first stage of the
calorimetry curves of furnace cooled Al-16Mg dur-
ing ageing at 140◦C reveals thatβ ′ precipitation is
a two stage process, with the first stage being nu-
cleation at constant rate (n1= 2.5) and the second
stage being autocatalytic nucleation (n2> 2.5).
• Forβ ′ precipitation the commonly used equation:

dα

dt
= g(T) f (α)

is not valid. This follows from (a) the strong vari-
ation of the characteristic length of theβ ′ precipi-
tates with ageing temperature, which indicates that
the definition of a state variable is not possible, and
(b) the variation of functionf (α) with temperature.
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